We performed in situ indentation in a transmission electron microscope on Al-TiN multilayers with individual layer thicknesses of 50 nm, 5 nm and 2.7 nm to explore the effect of length scales on the plastic co-deformability of a metal and a ceramic. At 50 nm, plasticity was confined to the Al layers with easy initiation of cracks in the TiN layers. At 5 nm and below, cracking in TiN was suppressed and post mortem measurements indicated a reduction in layer thickness in both layers. The results demonstrate the profound size effect in enhancing plastic co-deformability in nanoscale metal-ceramic multilayers.
T he enhancement of plastic deformability in ceramics will enable the design of novel composites with high hardness and measurable ductility that are used in energy and defense related technologies and aerospace engineering [1] [2] [3] . Metal/ceramic multilayers have come into greater focus due to their promising mechanical, physical and chemical properties, making them practically useful for harsh environments and extreme loading 3 . These composites show improvement in hardness, toughness, wear resistance, thermal resistance, shock resistance and irradiation resistance, to name a few. Compared to metals, ceramics are lacking in room temperature plasticity and fracture toughness [4] [5] , because of a high lattice friction stress on most slip systems at low homologous temperatures. In the competition between dislocation glide and brittle fracture in ceramics at low homologous temperatures, brittle fracture wins since the stresses necessary to activate dislocation glide are significantly higher than fracture stress. However, localized dislocation activity in ceramics at room temperature has been observed underneath the indenter. Oden et al. 6 and Minor et al. 7 reported evidence for dislocation motion in the TiN indentation tests by transmission electron microscopy (TEM) analysis of the post-indentation microstructure, implying localized plasticity under hydrostatic constraint in indentation. Localized plasticity has also been reported in cementite (Fe 3 C) lamellae in pearlitic steels 8 under wire drawing that also involves imposed hydrostatic pressure. More recent investigations have indicated that under severe plastic deformation, decomposition of Fe 3 C at cementite/ferrite interface occurs that releases C into the ferrite matrix and may account for the thickness reduction in cementite lamellae.
Metal/ceramic layered composites have been fabricated and extensively tested under various types of loading including compression [9] [10] [11] [12] [13] , tension 14 and nanoindentation [15] [16] [17] [18] normal to the interface. Most of these studies show that the metallic layer undergoes plastic deformation while the ceramic layer remains in the elastic regime until it fractures. However, as the bilayer period is reduced to a few nanometers, plastic co-deformability was inferred in Al-TiN multilayers from compressive stress-strain curves 19, 20 . In this investigation, we have performed in situ indentation in a transmission electron microscope (TEM) on Al-TiN multilayers with various layer thicknesses, 50 nm, 5 nm and 2.7 nm to explore the effect of reduced layer thickness on metal-ceramic plastic codeformability. Figure 1 shows two cross-sectional TEM images of the as-deposited films with the individual layer thickness 50 nm and 5 nm. The diffraction patterns (DPs) confirm the orientation relation between the Al and TiN layers, (111)Aljj(111)TiNjjinterface and ,110. Al jj,110. TiN , and the growth direction is along [111] . The DP in Fig. 1b is consistent with epitaxial growth of Al and TiN within a column. The multilayered films have a columnar structure with a ,111. fiber texture. In the plane of the film, the individual columns with a preferred ,111.
Results
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MATERIALS SCIENCE STRUCTURAL PROPERTIES growth direction may be misoriented with respect to each other by 60u resulting in the formation of S3{112} incoherent twin boundaries (ITBs) between adjoining columns ( Fig. 2 and Supplementary Figures S1-S3).
Four TEM images of the 50 nm Al-50 nm TiN multilayer during in situ indentation in Fig. 2 show the thickness reduction in the Al layers and cracks in the first TiN layer (see Supplementary Movie I).
The Al layers in one column are polycrystalline ( Fig. 2a ), containing multiple S3{112} ITBs. The first Al layer beneath the indenter experiences significant plastic deformation, and the thickness reduces from 45 nm to 37 nm to 27 nm ( Fig. 2a-c ). High-resolution TEM (HRTEM) images in Fig. 3a and 3b clearly show the initial Al-TiN interface with the (111) plane and the deformed Al-TiN interface that is a low angle tilt boundary with the tilt angle of 9.4 degrees. The formation of the tilt boundary is ascribed to the pileup of the gliding dislocations in the Al layer at the interface. In addition, we also observed the migration of S3{112} ITBs in the Al layers (see Supplementary Figure S1 ) 21 . In the TiN layers, there is no detectable thickness reduction (Fig. 2 ). The first crack initiates in the TiN layer from the Al-TiN interface (Figs. 2c and 3b). This is a mode I crack due to the tensile stress resulting from the TiN bending underneath the indenter tip. The second crack initiates in the TiN layer from the top surface ( Fig. 2d and Fig. 3c ). According to the crystallography of the TiN layer, the second crack surface is close to a {111} plane ( Fig. 3c ). It is also noticed that the Al layer near the second crack does not fracture associated with the opening of the crack (Fig. 3d ). We studied the stress state associated with the crack initiation using finite element method and found that both the cracks are initiated by the tensile stress (see Supplementary Figure S4 ). Figure 4 shows several TEM images of the 5 nm Al-5 nm TiN multilayer during in situ indentation (see Supplementary Movie II). The thickness reduction in both the Al layers and the TiN layers were observed. The first and second Al layers experience a significant plastic deformation beneath the indenter. The thickness of the second Al layer reduces from ,5.5 nm to ,1.9 associated with the bending of the first TiN layer (Figs. 4a and 4b). The HRTEM image in Fig. 4c shows a tilt boundary that is associated with the high density of dislocations in the Al layer and at the Al-TiN interface. The first TiN layer experiences the obvious bending, the local radius beneath the indenter decreases from the initial infinity to the range of 102 , 156 nm ( Fig. 4b) . A slight thickness reduction in the first TiN layer is evidenced in the HRTEM images ( Figs. 4d and 4e ), from 5.87 nm to 5.02 nm, the reduction corresponds to three atomic layers. We also characterized one lattice dislocation in the TiN layer that is identified by the Burgers circuit ( Fig. 4f ), implying plastic deformation in the TiN layer associated with the dislocations motion. To confirm the plastic deformation in TiN layers associated with dislocations, we performed another indentation test with a small displacement (see the Supplementary Figure S2 ). The local compressive strain is estimated to be 28% according to the thickness reduction of the first five layers (from 29.2 nm to 26.9 nm). Two important features are observed. S3{112} ITBs are present in the pristine TiN layers. Under compression, the ITB 1 migrates for 2 nm (see Supplementary Figure S2 -a and S2-b) and the ITB 2 dissociates into two tilt boundaries bounded with a 9R phase with a width of 4.5 nm 21 (see Supplementary Figure S2 -c and S2-d). According to crystallography of TiN, S3{112} ITBs can be described as an array of Shockley partial dislocations with the net zero Burgers vector within an unit of three {111} planes 21, 22 . Our DFT calculation shows that a full dislocation K,110.{111} can dissociate into two Shockley partial dislocations 1/6,112.{111} that are bounded with a stacking fault of 1.0 , 1.5 nm under zero shear stresses, implying that a Shockley partial dislocation can glide on the {111} plane accompanying with the creation of the intrinsic stacking fault 23, 24 . Thus, the shear stresses that are generated due to the bending of the TiN layer favor the migration and/or dissociation of an ITB 25, 26 . More importantly, we again captured a mobile lattice dislocation in the TiN layer ( Fig. S2-e ), which is observed initially in the layer in Fig. S2 a and finally glides into the interface in Fig. S2-b . Experimental observation [6] [7] [8] and our DFT calculations 23 suggest the preferred slip system 1/2,1-10.{110} in the TiN at room temperature. However, the e-beam direction is along the ,110. in our TEM characterization, we can only characterize one component of the 1/2,1-10.{110} dislocation, i.e., one extra {111} plane. Thus, we believe that the dislocation identified in our HRTEM images is belonging to the slip system 1/2,1-10.{110}. Figure 5 shows the TEM images of the 2.7 nm Al-2.7 nm TiN multilayer during in situ indentation (also see the Supplementary Movie III). Fig. 5c , a HRTEM image, shows a highly coherent structure between the Al and TiN layers. Due to the small lattice difference and the fine layer thickness, the layered structures in Figs. 5a, 5b, 5d , and 5e can be only characterized with the bi-layer thickness. During the film growth, Al atoms have a high diffusivity on Al (111) (111) surface. The newly formed TiN-Al interface is relatively rough, reducing the contrast in terms of the coherent strain. Thus, the sharp Al-TiN interface benefits us to distinguish a bi-layer thickness (Fig. 5c ). Different from the thick layers, the first 5 bi-layers beneath the indenter experience a significant thickness reduction and no crack was observed. Fig. 5d and 5e show the thickness reduction in the first three bi-layers from 17.5 nm to 6.3 nm, corresponding to a strain of 264%.
Discussion
Our experiments revealed a profound size effect on the mechanical deformation of Al-TiN multilayers, i.e., significant plastic codeformation is only observed when the layer thickness is reduced to a few nanometers. In the multilayers with 50 nm layer thickness, no layer thickness reduction was measured in TiN. The first Al layer below the indenter experiences a significant plastic deformation due to the bending of the first TiN layer directly beneath the indenter, as a result, the initial Al-TiN (111) interface changes into a low angle tilt interface associated with the accumulation and the pileup of the dislocations in the Al layer. The second TiN layer remains flat, indicating the low compressive stress acting on the second TiN layer. This could be ascribed to the low mechanical strength of the thick Al layer. When the layer thickness decreases to 5 nm, the first three Al-TiN bi-layers experience slight elastic-plastic deformation, in particular, the plastic deformation in the TiN layers was characterized with the evidence of the lattice dislocations in the TiN layers. When the layer thickness decreases to 2.7 nm, the first five Al-TiN bi-layers beneath the indenter tip experience a significant elastic-plastic deformation, ,60% compressive strain without detectable cracks, while retaining the interface plane orientation (111)Aljj(111)TiN consistent with compatible plasticity between the Al and TiN layers.
The plastic co-deformation of metal-ceramic multilayers thus can be rationalized as follows. Plastic deformation first commences in metal layers because of the relatively lower yield strength and higher mobility of dislocations as compared to ceramics. Dislocations glide in the metal layers confined by metal-ceramic interfaces, depositing dislocations at the interfaces. The glide dislocations from the metal layer deposited at the interfaces represent the plastic incompatibility between the two layers. The stress field of the interface dislocation The increase of the tensile residual stress s dislocations ceramic could lead to Mode I fracture in the ceramic layers. On the other hand, the tensile residual stress also adds on to the resolved shear stress on the glide plane in the ceramic layer. In addition, the interaction between the deposited dislocations in the two adjacent interfaces also contributes to the resolved shear stress in the ceramic layer. Thus the net resolved shear stress in the ceramic layer is composed of three components, the contribution from the residual stress s dislocations ceramic due to the plastic incompatibility, the interaction force t interaction between the deposited dislocations in the adjacent interfaces, and the applied stress s Applied , and can be written as t RSS ceramic~t Interaction zm s dislocations ceramic zs Applied À Á , where m is the Schmid factor. According to the elastic mechanics and the dislocation theory 27 , t interaction increases with decreasing the ceramic layer thickness, and becomes a significant contributor when the layer thickness is ,<10 b where b is the magnitude of Burgers vector. s dislocations ceramic increases with increasing density of the deposited dislocations at the interfaces. Under compression, the maximum applied stress s Applied normal to the interface is determined by the confined layer slip stress in the metal layer, because the stress in the TiN layer is much higher than that in the Al layer. According to ''smaller is stronger'' 28 , decreasing the metal layer thickness can effectively increase the strength of the metal layer, in turn enhance the maximum applied stress. In addition, the maximum applied stress increases with plastic deformation due to the strain hardening 20 . With the high applied stress and the strong interaction force in the fine-layered composites, ceramics can plastically co-deform with the metal layer. Thus, ceramic plasticity in metal-ceramic multilayers is favored at low thickness of both the ceramic layer and the metal layer. This is consistent with our experiments.
Methods
Thin multilayers composed of alternating Al and TiN individual layers were deposited at room temperature using direct current (dc) magnetron sputtering on Si substrates (with a top layer of amorphous SiO 2 ) with equal volume fractions of Al:TiN 5 151. The film thickness of all samples is around 2 mm. TEM samples were prepared by mechanical polishing to a final thickness of 20-30 mm with diamond lapping film, followed by ion-milling using a Gatan TM PIPSH instrument operating at 3-5 kV. Our indentation experiments were conducted inside a FEI Tecnai F30 field emission gun transmission electron microscope equipped with a Nanofactory TEM-STM system. The TEM was operated at 300 kV, with a point-to-point resolution around 0.2 nm. The TEM foils were then attached to a piezo-operated scanning tunneling microscope (STM) probe with silver paint, which served as one end of a Nanofactory TEM-STM platform. An etched W tip was the other end of platform. The STM probe with the W tip was compressed onto the TEM foil. We recorded the videos during indentation by a CCD (charge-coupled device) camera at 3 frames per second. The commercial software Abaqus 6.12 was used to perform the FEM simulation. The FEM model was generated according to the geometry of the sample (see Supplementary Figure S4 ). The model was finely meshed with the element type of CPS4 (15456 elements. The stress field was solved under the displacement boundary. The final geometry of the deformed TiN layer is achieved by gradually deforming within ,50 steps. 
